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This study shows that a eutectic Al–12Si alloy with controllable ultrafine microstructure and excellent
mechanical properties can be achieved by using selective laser melting and subsequent solution heat
treatment. This provides a novel and promising approach to the refinement of eutectic Al–Si alloys.
Unlike Al–12Si alloys fabricated and refined by traditional methods, the as-fabricated Al–12Si in this
study contains nano-sized spherical Si particles surrounding a supersaturated Al matrix. During solution
heat treatment, precipitation and coalescence of the Si particles occur, which decreases the Si concentra-
tion in the matrix and sub-micron to micron-sized spherical particles embedded in an Al matrix form. The
as-fabricated Al–12Si exhibits significantly better tensile properties than the traditionally produced
counterparts; while the solution treated Al–12Si has an extremely high ductility of approximately 25%.
Importantly, the mechanical properties of the Al–12Si can be tailored through controlling the precipita-
tion and coalescence of the Si particles by varying the solution heat treatment time. A detailed transmis-
sion electron microscopy study was conducted to investigate this Al–12Si alloy with ultrafine eutectic
microstructure. The excellent tensile properties have been attributed to the refined eutectic microstruc-
ture containing spherical Si particles. The formation of this unique microstructure is due to the super
heating and an extremely high cooling rate during selective laser melting and the subsequent solution
heat treatment, which enables Si to grow along its most stable plane {111}Si.
Crown Copyright � 2015 Published by Elsevier Ltd. on behalf of Acta Materialia Inc. All rights reserved.
1. Introduction automotive and aerospace industries. This is becoming more
The Al–Si casting alloys are extensively used in automotive and
aerospace industries due to their light weight, good mechanical
properties and low recycling costs [1–3]. The mechanical proper-
ties of Al–Si alloys are largely dictated by the morphology of the
eutectic silicon [4,5], with the coarse, acicular silicon acting as
crack initiation sites in conventionally cast material, resulting in
low ductility. As a consequence, refinement of the eutectic
microstructure of Al–Si alloys, first reported in 1920 [6], has been
extensively investigated [4,7–13] since and is a critical step in
improving their mechanical properties (specifically strength and
ductility) to meet the ever-growing application demands in
imperative as the worldwide energy and environment problems
worsen.

The refinement of the Si phase can be achieved by controlling
the nucleation and growth of the eutectic grains. Usually, two dif-
ferent methods of refinement are used: elemental additions [14–
17] and rapid solidification [18–21]. Although the use of chemical
elements can result in reduced fluidity and higher cost, its major
disadvantage is the rapid loss of the refining elements from evap-
oration or oxidation [22]. In addition, the selection of appropriate
elements depends on many factors, such as the composition of
the alloy, type and quantity of the modifying elements and interac-
tions between the modifying elements. Thus, this modification
approach is complex and sometimes hard to control. For example,
it has been reported that the combined addition of Sr and Na does
not further enhance the modification effect on the eutectic
microstructure of a hypoeutectic Al–Si alloy due to the loss of
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Fig. 1. A schematic illustration showing the orientation of the tensile bars and the
axis system used.
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modifying elements as a result of vaporisation or oxidation pro-
moted by Na [22]. In contrast, a combined addition of Sr and B into
near-eutectic Al–Si alloys can significantly decrease the size of the
eutectic grains at a cooling rate of 10 K/s [12]. The addition of B
varies the nucleation mechanism of the eutectic, while Sr increases
the undercooling of the melt. However, the addition of modifying
elements can be detrimental to the density of the alloys by induc-
ing a higher porosity. This has been attributed to the changes in
hydrogen content, oxide permeability and surface tension [9].

An alternate approach to refine the microstructure is to increase
the cooling rate [23,24]. Rapid solidification can significantly
improve the mechanical properties of cast Al–Si components
[25]. However, microstructural uniformity is only possible if the
entire casting solidifies at a high cooling rate. For the vast majority
of castings, this is not possible and therefore this method of Si
refinement is limited to small, thin parts, such as ribbons, filaments
and flakes [19–21]. For example, melting spinning has been suc-
cessfully used to modify the eutectic microstructure of some Al–
Si alloys [26,27]. Although submicron or nano-sized Si particles
(50–200 nm) formed, the size and geometry of samples are severely
constrained, with only ribbons (thickness6 200 lm) or small rods
able to be produced. This greatly limits the possible applications of
melt spinning. To circumvent the abovementioned drawbacks and
realise the thermal modification of eutectic microstructure in a large
scale part, selective laser melting (SLM), an emerging additive man-
ufacturing technique, is adopted. SLM fabricates components layer
by layer, which enables the fabrication of complex-geometry compo-
nents [28]. Due to the laser heating only a very small volume of
material and the short laser interaction time, the process has very
high heating and cooling rates (103–108 K/s) [29] which has been
shown to result in the formation of metastable phases [30,31].
Following this, the high heating and cooling rate would induce large
super heating and undercooling and this will tend to enhance the
nucleation rate and suppress the grain growth in the Al–Si alloy.
This unique characteristic makes SLM a promising candidate for pro-
ducing a refined microstructure and therefore enhanced properties.
In recent work [32], the annealing of Al–12Si samples produced by
SLM was performed at temperatures 6450 �C for 6 h. This work con-
cluded that the microstructure becomes coarser with increasing
annealing temperature, which led to an increase in ductility (elonga-
tion �15%) and decrease in strength (�95 MPa). Rietveld analysis
was performed on X-ray diffraction (XRD) data, which showed that
the as-processed Al matrix was supersaturated in Si, which was
rejected during heat treatment.

In this study, we perform a systematic investigation into the
influence of selective laser melting and subsequent conventional
solution heat treatment on the eutectic microstructure and on
the resultant mechanical properties of Al–12Si alloy. A detailed
transmission electron microscopy (TEM) investigation of the eutec-
tic microstructure of the Al–12Si alloy which exhibits excellent
mechanical properties (elongation �25% with a tensile strength
�190 MPa) after solution heat treatment has also been conducted.
The relationship between the SLM processing, eutectic microstruc-
ture and mechanical properties is discussed. A possible underlying
mechanism for the formation of this novel eutectic microstructure
is also proposed. This study provides new insights into the modifi-
cation of Al–Si alloys through SLM and solution heat treatment to
achieve the desired mechanical properties without the need for the
addition of other elements.

2. Experimental procedures

2.1. Fabrication and solution treatment of Al–12Si specimens

Al–12Si specimens (4 � 4 � 4 mm3) and tensile bars (shown in
Fig. 1) were produced on a ReaLizer SLM-100 machine (ReaLizer
GmbH, Germany) which is equipped with a fibre laser, which has
a laser wavelength of 1.06 lm and maximum power of 200 W at
the part bed. Al–12Si (in wt.%) powder (d50 � 38 lm, TLS
Technik, Germany) was used. An inert, high purity argon gas atmo-
sphere was used during processing to minimise oxidation. The
laser scan speed and laser power were 500 mm/s and 200 W,
respectively, which has been shown to produce the best properties
[33]. The powder layer thickness was fixed at 50 lm and the scan
spacing at 150 lm, while the substrate was heated to 200 �C.
Solution heat treatment of specimens was performed in air at
500 �C for up to 4 h, followed by water quenching.

2.2. Microstructure and mechanical properties characterisation

The eutectic microstructure of the Al–12Si specimens after both
fabrication and solution heat treatment was characterised using a
FEI Verios 460 scanning electron microscope (SEM, acceleration
voltage 5 kV, working distance 6 mm). The size and morphology
of the Si particles were investigated by imaging analysis software
Image Pro Plus. At least ten different regions on each sample were
taken for image analysis.

The growth of Si particles, orientation relationship (OR)
between Si and Al and the chemical analyses of the Al–12Si speci-
mens were investigated using either a JEOL 2100 transmission
electron microscope (TEM) or FEI Titan G2 80–200 TEM with
ChemiSTEM technology at 200 kV. TEM samples were mechani-
cally polished and finally thinned by a Precision Ion Polishing
System (Gatan PIPS™) where low-angle and low-current polishing
conditions were used in conjunction with a liquid nitrogen cold
stage.

The residual stresses within the Al–12Si alloy before and after
the solution heat treatment were characterised by the Raman peak
shift of the Si [34]. Raman spectra were acquired at room temper-
ature with a confocal Raman backscattering technique (WITec
alpha 300RA+) using a 532 nm excitation wavelength. The laser
light was coupled into the microscope using a single-mode fibre
and brought on to the sample using a dichroic mirror and a 100�
microscope objective (NA 0.9). The spatial resolution is about
100 nm with a spectral resolution of 0.02 cm�1.

Tensile tests were carried out on machined specimens (gauge
length �4 � 6 � 15 mm3), using an Instron 5982 machine at a con-
stant strain rate of 1 mm/min. Strain was measured with a 10 mm
gauge length extensometer. Samples were aligned perpendicular
to the build direction as shown in Fig. 1.

2.3. Estimation of temperature distribution during SLM

Since the laser–material interaction time is usually on the order
of 100 ls and the interaction volume is less than 50 lm, it is not
practical to measure the temperature distribution within the Al–
12Si melt pool during SLM. Therefore, a finite element modelling
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(FEM) method using a multi-physics-based computational model
based on the heat transfer theory in the heat transient mode of
COMSOL™ was used to estimate the temperature distribution.
For Al–12Si alloys, the laser absorption is very low �5% at the
1.06 lm wavelength used [35]. However, many factors such as
the size and morphology of the powder particles, the surface and
roughness of the samples will influence the actual absorption
co-efficient of a material. In general, the laser absorption for a pow-
der sample is 3–5 times higher than a thin film sample with the
same composition [36,37]. Therefore, in this work, the absorption
co-efficient was set to 20%. For simplification, the simulation was
carried out on an Al-based thin film with the same composition
as the powder and there was no gap between the last and current
layer. The thickness of this thin film was set to 100 lm. The laser
power and scan speed were set to be 200 W and 500 mm/s in
the simulation, respectively, the same value as we used for the
SLM processing.
3. Results and discussion

3.1. Eutectic microstructure after SLM and upon solution heat
treatment

The microstructure of the Al–12Si alloy in the as-processed con-
dition and after different solution heat treatment times is shown in
Fig. 2. Unlike the eutectic microstructure of cast Al–12Si alloys
where large rod- or needle-like Si particles form in the Al matrix,
a novel eutectic microstructure with very fine spherical Si particles
has formed, as shown in Fig. 2a. Two distinct regions can be
observed: one significantly coarser than the other. This indicates
that these two regions have different thermal histories. It has been
reported [38] that the microstructure of Selective Laser Melted alu-
minium is affected by the heat generated by both the overlapping
scan lines and creation of subsequent layers. Both these processes
cause localised partial heat treatment and coarsening of the
microstructure, as shown in Fig. 2a. Upon solution heat treatment,
it can be seen (Fig. 2b–e) that the eutectic Si particles have grown
and are up to �2 lm in diameter. After solution heat treatment the
abovementioned differences in the scale of the microstructure
appear much less distinct; both larger and smaller Si particles dis-
tribute relatively homogeneously in the Al matrix.

To investigate the changes in size and morphology of the eutec-
tic Si particles upon solution heat treatment, detailed image anal-
ysis was conducted on SEM images obtained after different
solution treated times. Results are shown in Fig. 3 and Table 1. It
can be seen from Fig. 3 and Table 1 that when the Al–12Si was
solution treated less than 30 min most of the Si particles are less
than 1 lm and particles below 0.16 lm account for 50% of the total
Si particles. After longer solution heat treatment times (from
30 min up to 2 h), some of the Si particles have coarsened to a
diameter of �2 lm, increasing the d90 in Table 1. However, it
appears that times longer than 2 h have no significant effect on
the size of the Si particles. Although there are larger Si particles
that form after 2 h solution heat treatment, Si particles less than
0.2 lm can still be observed in the Al matrix and account for 50%
of the total Si particles observed. Hence it appears that some of
the smaller Si particles that have formed in the microstructure
remain almost unchanged through subsequent solution treatment,
while others coarsen as would be expected. This leads us to pre-
sume that the growth of the eutectic Si particles, apart from the
impact of different thermal histories during SLM, may also be influ-
enced by the chemical inhomogeneity within the as-processed
alloy. This is detailed further is Section 3.2 below.

During the early stages of solution treatment, the number of Si
particles decreases while the total area of Si increases as shown in
Fig. 3. The decrease in the number of particles is likely a result of
both particle coalescence as well as Ostwald ripening, where the
large particles grow at the expense of the small ones. An increase
in the area fraction of Si particles indicates that in the
as-processed condition, the Al matrix is supersaturated and during
heat treatment the excess Si precipitates out. It is apparent that
most of the Si particles after solution treatment remain spherical,
with only a small fraction becoming elongated particles.

3.2. Si content in the Al matrix

It is well known that rapidly cooling an alloy can result in sig-
nificant extended (non-equilibrium) solid solubility. The eutectic
structure as shown in Fig. 2 consists of cellular Al grains which
are surrounded by Si particles with a spherical morphology and
less than 100 nm in diameter. This structure is similar to those
reported in Al–Si alloy specimens fabricated by melt spinning
[26,27], where the reported Si content in the Al matrix reaches
about 6% after the rapid solidification. The content of Si in the Al
matrix before and after solution heat treatment was measured
using TEM energy-dispersive X-ray spectroscopy (EDX) mapping.
Fig. 4 shows the mapping results in scanning transmission electron
microscopy (STEM) mode of the distribution of Al and Si in the
as-fabricated and solution treated Al–12Si alloys. A quantitative
analysis of the results shows that in the as-fabricated condition,
the Si content was �7 wt.% in the Al, which far exceeds the maxi-
mum solubility of 1.6 wt.% and is even slightly greater than what
has been reported in melt spinning [26,27]. However, upon solu-
tion treatment the Si content in the Al drops rapidly to �2 wt.%
after just 15 min and then to the equilibrium concentration of
1.6 wt.% after 30 min, as shown in Fig. 4f. Longer solution treat-
ment times have no influence on the Si content in Al, which
remains �1.6 wt.%. Hence it appears that after very short solution
treatment times (615 min), the supersaturated Si precipitates from
the Al to form tiny eutectic Si particles, as can be seen from
Figs. 2b and 4b. Upon further solution heat treatment, the Si con-
tent in the Al matrix drops to the equilibrium concentration and
therefore no more precipitation of Si occurs and the area fraction
of Si remains constant (Fig. 3). However, continued growth of the
Si particles occurs at longer times most likely through a combina-
tion of Ostwald ripening and coalescence of adjacent small Si par-
ticles, which can be seen from the initial joining neck between two
neighbouring Si particles in Fig. 4c and the elongated shape of the
large Si particles in Fig. 4d and e.

3.3. Mechanisms for the formation and growth of eutectic Si particles

It is known that the solidification microstructure of Al–Si alloys
can be influenced by super heating with a finer and/or more uni-
form microstructure along with increased strength and ductility
in samples that have undergone significant superheat prior to
solidification [39–43]. The underlying reason has been attributed
to the existence of two characteristic temperatures, the dissolution
temperature Td and the branching temperature Tb. Below Td, the
liquid contains aluminium and silicon-rich particles which have
been inherited from the solid material. Once the Td has been
exceeded, these particles begin to melt and above the branching
temperature, Tb, molten alloy can be considered homogenous.
Between Td and Tb, Al-rich and Si-rich regions 10–200 nm in size
co-exist within the molten pool [39]. This inhomogeneous
microstructure will remain in the solidified alloys if the cooling
rate is high enough (P103 K/s). According to previous studies, Td

and Tb of Al–12Si alloys should be around 1080 ± 30 and
1290 ± 30�C, respectively [39,44]. This temperature is much higher
than the liquidus temperature of Al–12Si alloys (577 �C). Given
that measuring the temperature in the melt pool in such a short



Fig. 2. Back-scattered SEM images of the eutectic microstructure of the Al–12Si alloy in the (a) as-fabricated condition in which the two distinct regions in the as-fabricated
Al–12Si alloy: coarse Si and fine Si regions can be observed and after solution treatment at 500 �C for (b) 15 min; (c) 30 min; (d) 2 h; and (e) 4 h. The light grey areas are Si
particles. The inset in (a) is high resolution secondary electron image showing that the Si forms small �50 nm particles. Note the scale bar in (a) is different from the scale bars
in (b) to (e).

Fig. 3. The Si particle number and total Si particle area as a function of solution
treatment time based on the SEM images shown in Fig. 2.

Table 1
Summary of the eutectic Si particle size (lm) in the Al–12Si alloy with different
solution heat treatment times. dx (x = 10, 50 or 90) means x% of the Si particles has a
diameter less than dx. d means the average diameter.

Solution heat treatment time d10 (lm) d50 (lm) d90 (lm) d (lm)

15 min 0.11 0.16 0.47 0.23
30 min 0.11 0.17 0.68 0.27
2 h 0.11 0.20 0.77 0.36
4 h 0.11 0.20 0.78 0.36
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time is currently not possible, the temperature distribution upon
heating within the melt pool in this study was estimated based
on the transient heat transfer model using COMSOL™ [45] (the
details of the approach have been given previously [46]) and the
results are shown in Fig. 5. The maximum temperature is at the
centre of the molten pool and reaches about 1439 �C, which lies
above Tb of Al–12Si alloy. However, it can be seen that the temper-
ature of a large portion of the melt pool lies in between Td and Tb of
Al–12Si alloy (see the shaded area in Fig. 5a). Hence, a large portion
of the Al–12Si alloy melt pool probably undergoes a super heating
in the temperature range between Tb and Td. This will lead to an
inhomogeneous microstructure of the molten pool of Al–12Si. In
addition, the short interaction time between laser and material
and the formation of liquid oscillations or capillary waves will also
tend to make the microstructure within the molten pool inhomo-
geneous [47]. Hence, an inhomogeneous microstructure consisting
of nano-sized Al-rich and Si-rich regions is expected, benefiting the
heterogeneous nucleation and enhancement of the nucleation rate.
The cooling rate is also estimated (based on the simulation) to be
above 103 K/s for most parts of the melt pool, as shown in
Fig. 5b. This super-high cooling rate will help retain the abovemen-
tioned inhomogeneous microstructure. Therefore, Si particles
around 10–100 nm in size and a supersaturated Al matrix are
expected to form in the as-fabricated Al–12Si alloy, and has been
observed as shown in Fig. 4a. The growth of these nano-sized Si
particles within the microstructure of the as-fabricated Al–12Si
alloy upon heat treatment is further discussed below.

Fig. 6a shows energy filtered TEM (EFTEM) images of the eutec-
tic Si particles embedded in the Al matrix after heat treatment for
15 min at 500 �C. The spherical Si particles have a diameter of less



Fig. 4. STEM-EDX maps of the Al and Si distribution in the Al–12Si alloy in the (a) as-fabricated condition and after solution treatment at 500 �C for (b) 15 min; (c) 30 min; (d)
2 h; and (e) 4 h; (f) Concentration of Si in Al at different solution heat treatment times. White arrows in (c) shows the position of the joining neck between adjacent Si
particles.
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than 100 nm and are located at the Al grain boundaries. The elec-
tron energy loss spectroscopy (EELS) spectra of the Al grain and
Si particle are shown in Fig. 6b, where the onset and shape of the
ionisation edges for the Al grain and Si particles illustrates the
valence and bonding state for Al atoms and Si atoms in these
two regions. No Si particles are observed inside the Al grains,
which indicates that during solution heat treatment, precipitation
of the excess Si in the Al matrix occurs at the Al grain boundaries.
This is consistent with the results shown in Fig. 4b and further
implies that the growth or coalescence of the Si particles also
occurs along the Al grain boundaries.

The morphology of the eutectic Si phase, which is directly
related to its nucleation and growth processes, is critical in modi-
fying the mechanical properties of Al–12Si alloy. Apart from the
interfacial energy cAl/Si between Al and Si phases, other kinetics
or thermodynamic factors such as the wettability (normally
expressed by the contact angle hc) and the local concentration of
Al and Si atoms also play a key role in determining the eutectic
microstructure upon solidification [9,48,49]. During conventional
casting or for a cooling rate below 10 K/s, the growth direction of
eutectic Si is usually h110i or h100i [50] and forms a rod- or
needle-like coarse microstructure (usually tens to hundreds of
microns in size). This rod-like and needle-like morphology with
its coarse microstructure is well known to severely reduce the duc-
tility of Al–12Si alloys. In contrast, the spherical, nano-sized eutec-
tic Si in our materials results in enhanced mechanical properties,
especially ductility [9]. To investigate the underlying mechanism
for the formation of the rounded eutectic Si, the orientation rela-
tionship (OR) between Al grains and Si phases has been deter-
mined. The interface between the Al and Si particle is shown in
the bright field (BF) TEM image in Fig. 7a. The interface was tilted
to edge-on position and overlapped diffraction patterns were taken
at the boundaries of Al and Si, as shown Fig. 7b. Both Al and Si have
a cubic structure and the OR determined from Fig. 7b can be
expressed as (111)Si||(200)Al. A high resolution TEM (HRTEM)
image is taken along the same zone axis, shown in Fig. 7c, where
the parallel lattice fringes of the (111)Si and (200)Al planes can
be clearly seen at the interface between Al and Si phases. It shows
that an epitaxial relationship exists between the eutectic Si and Al.
This is different from previously reported observations at low



Fig. 5. (a) Temperature distribution of the Al–12Si molten pool upon heating during
SLM based on COMSOL™ modelling. (b) Estimated cooling rates at the positions
marked I–V in (a). Red arrows schematically show the direction of heat transfer.
Shaded area shows the region of the melt pool undergoing a temperature between
Tb and Td. (For interpretation of the references to colour in this figure legend, the
reader is referred to the web version of this article.)
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temperature or at low cooling rate, where the Si particle grows
within the dendrite microstructure of Al grains, especially at the
arms and tips of the dendrite [9].
Fig. 6. (a) EFTEM images of the eutectic Si particles embedded in the Al matrix after solu
In this study, the Si and Al form Si-rich and Al-rich regions in
the melt with a size below 100 nm. Upon rapid cooling, these
regions are mostly retained and the growth during cooling is
greatly restrained. When heat treated at a high temperature, the
Si phase undergoes a thermally activated growth process. This
enables the Si phase to grow along the most stable plane with
the lowest free energy: the most dense-packed plane {111}Si.
This is why the Si phase grows into a spherical morphology.

3.4. Residual stress

The high heating and cooling rate experienced during SLM
causes high temperature gradients and thermal fluctuations to
occur [51]. This results in severe thermal and residual stresses to
form within the fabricated components [51], which has been char-
acterised by the Raman peak shift of Si within the Al–12Si alloy
[34]. Fig. 8 shows the position of the Raman peak of Si in the
as-processed Al–12Si alloy and solution treated Al–12Si with dif-
ferent times. The corresponding Raman intensity mapping results
are also shown as inset in Fig. 8. The lower wave number of the
Si line (�517.6 cm�1 compared with 520.7 cm�1 stress-free Si
[52]) in the as-fabricated Al–12Si alloy indicates that the Si in
the as-fabricated Al–12Si alloy contains significant residual tensile
stresses. The Raman shift becomes smaller upon solution treat-
ment, implying that the stress is relaxed through solution treat-
ment. These residual stresses together with the nano-sized Si
particles and ultrafine Al matrix in the as-fabricated Al–12Si alloy
would introduce a large number of dislocations and boundaries
into the components. These dislocations and boundaries could
act as paths for fast diffusion which is critical to precipitation
and growth of the Si particles. Compared to conventionally fabri-
cated Al–Si alloys, this substantial diffusivity can lead to enhanced
recovery which also benefits the tensile ductility or stable
plasticity.

3.5. Mechanical properties

The variation of the mechanical properties of the fabricated Al–
12Si alloy after different solution heat treatment times is shown in
Fig. 9. It has been previously reported that the as-fabricated prop-
erties exceed that of castings [33]. After solution heat treatment of
tion heat treatment for 1 h at 500 �C. (b) EELS spectra of the Al grain and Si particle.



Fig. 7. (a) A bright field TEM image showing the interface between Al grain and Si particles. (b) A selected area diffraction pattern taken at the interface when tilted to edge-
on position. (c) A HRTEM image showing the epitaxial relationship of Si.

Fig. 8. Raman spectra from the Si particles in the Al–12Si alloys solution treated
with different times. Inset shows the Raman intensity mapping of the correspond-
ing Al–12Si alloys measure in the region of 500–550 cm�1. The Raman spectrum for
a standard Si is also shown. There is a gradual increase in the Raman shift during
heat treatment.

Fig. 9. The variation of mechanical properties of the Al–12Si alloy upon solution
heat treatment at different times. d, r0.2 and rUTS represent the ductility, yield
strength and ultimate tensile strength, respectively.

80 X.P. Li et al. / Acta Materialia 95 (2015) 74–82
just 15 min, a large increase in ductility and decrease in strength
can be observed. When further increasing the solution treatment
time to 30 min, the elongation increases to about 25% and the yield
and tensile strength decreases to approximately 110 and 190 MPa,
respectively. However, no further change in the mechanical prop-
erties occurs after longer times. It seems that the mechanical prop-
erties of the Al–12Si reach a plateau after 30 min solution heat
treatment.

Fig. 10 shows the fracture surface of the Al–12Si alloys before
and after solution heat treatment. A typical brittle failure with reg-
ular cleavage planes can be seen in the as-fabricated Al–12Si alloy,
which is consistent with the low ductility shown in Fig. 9. When
the material has been heat treated for just 15 min, equiaxed dim-
ples with an average size around 2 lm were observed across the
whole fracture surface, as shown in Fig. 10b, which is indicative
of a highly ductile fracture. As the solution treatment time is
increased further, the size of the equiaxed dimples increases
(Fig. 10c–e) and are approximately 5 lm after 4 h. A careful obser-
vation shows that the edges of the dimples pass through both Al
grains and eutectic Si particles, signifying that the eutectic Si par-
ticles no longer act as the main sites triggering fracture.

It is well recognised that the size and morphology of the eutec-
tic Si particles have an important impact on the mechanical prop-
erties of the Al–Si alloys [9]. In the conventional casting of Al–Si
alloys, due to the faster growth rate of the Si phase compared to
the Al phase during solidification, plate-like, rod-like and
needle-like eutectic Si phases tend to form in the Al matrix [4,9].
In tensile loading, this kind of morphology of Si phases causes loca-
lised shearing to occur at a very early stage of the plastic deforma-
tion. This localised shearing can easily initiate cracks and promote
crack propagation, triggering a fast fracture with a nominal plastic
strain of only a few per cent. In the present study the nano-sized
spherical Si particles that form in the as-fabricated Al–12Si alloy
can ease the localised shearing and hence suppress the crack initi-
ation and propagation. Therefore, there is enhanced tensile ductil-
ity in the as-fabricated Al–12Si components compared with cast
material. The high strength of the as-processed material is likely
a result of the non-equilibrium solubility of Si in the Al matrix as
well as the refinement of the eutectic Si particles and ultrafine Al
matrix. However, the relative contribution of these three factors
to the enhancement of tensile strength is still unknown.

The influence of solution heat treatment on the strength and
ductility of Al–Si alloys is dictated by many factors such as number,
morphology and size of the Si phases, initial hardening rate and



Fig. 10. SEM images (secondary electron images) of the fracture surface of the Al–12Si alloys with different solution heat treatment times (a) as-fabricated; (b) 15 min; (c)
30 min; (d) 2 h; and (e) 4 h, respectively.
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recovery rate [53]. The last two factors are closely related to the
solute content in the solid solution, which in this study is the Si
content in the Al matrix. Upon solution treatment, the Si trapped
in the Al matrix rapidly precipitates out onto the existing Si parti-
cles which sit at the Al grain boundaries, as shown in Fig. 7, thus
reducing the solid solution strengthening. This also results in an
increase in the volume fraction of Si (Fig. 3). The Si particles also
coarsen during the early phases of the heat treatment through both
coalescence of small Si particles as well as Ostwald ripening, which
result in both an increase in size (Table 1) and decrease in the
number of particles (Fig. 3). However, these processes appear to
stop after �2 h and the system reaches equilibrium. All of these
together act to reduce tensile strength of the Al–12Si components.
The Si content (and hence solid solution strengthening it creates)
in the Al matrix drops rapidly during solution heat treatment
and remains constant for times longer than 30 min. Hence, the
strength of the Al–12Si also drops abruptly and is constant for
times greater than 30 min. As to the tensile ductility of the solution
treated Al–12Si alloys in this study, two aspects need to be consid-
ered. Firstly, the decrease in the number of Si particles and increase
in size favour the reduction of localised stress or strain. Secondly,
solution treatment reduces the residual stresses which have built
up during the SLM process (Fig. 8). These two aspects benefit the
enhancement of the tensile ductility of the solution treated Al–
12Si components [1].
4. Conclusion

In this work, we have shown that, similar to melting spinning,
selective laser melting (SLM) features rapid cooling rates during
processing. This enables the formation of an ultrafine eutectic
microstructure in an Al–12Si alloy. Unlike the eutectic microstruc-
ture observed in Al–12Si alloys fabricated by conventional meth-
ods or refined by addition of minor elements, the eutectic
microstructure is characterised by spherical nano-sized Si particles
embedded in the Al matrix. This ultrafine eutectic microstructure
gives rise to significantly better tensile properties compared to tra-
ditionally fabricated Al–12Si parts.

Upon solution treatment, the size of the eutectic Si particles,
which are critical to the mechanical properties of Al–12Si parts
increases with increasing the solution treatment time. The bimodal
distribution of the Si particle size is retained. However, the coarse
and fine Si particles distribute homogenously in the Al matrix.
Based on the detailed TEM study, it was found that spherical Si par-
ticles with a diameter below 100 nm formed at the Al grain bound-
aries as a result of the extremely high cooling rate during SLM.
Together with the inhomogeneous chemical distribution, this
enables the Si to grow along its most stable plane {111}Si during
solution treatment. This micro-sized eutectic microstructure was
believed to be the underlying reason for the very high tensile duc-
tility �25% of the Al–12Si alloy.
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This study shows that Al–12Si alloy with exceptional tensile
properties and ultrafine eutectic microstructure can be obtained
by selective laser melting and subsequent solution treatment.
The eutectic microstructure of Al–12Si alloys, especially the size
of the Si particles, can be tailored effectively by varying the solu-
tion treatment time. This provides important insights into refine-
ment of Al–Si alloys without the addition of other elements.
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